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Abstract 
Equiatomic TaNbHfZr refractory high-entropy alloys (HEAs) were synthesized by arc-melting. 
The HEAs were annealed at 1800°C for different times, at maximum up to 8 days. Their on average 
body-centered cubic (bcc), solid-solution structure was confirmed by X-ray (XRD) and neutron (ND) 
diffraction, respectively. The HEAs are characterized by high average values of the static atomic 
displacements from the ideal lattice positions and the local internal strain. The short-range clustering 
(SRC) of a subset of atoms, enriched in Hf and Zr takes place perpendicular to the <100> directions. 
Furthermore, it becomes increasingly interconnected as a function of the annealing time. This is 
revealed by the evaluation of diffuse XRD intensities, high-resolution transmission electron 
microscopy (HRTEM) images, and atom probe tomography (APT). The local structural disorder and 
distortions at the SRC were modeled by molecular dynamics (MD) relaxations. The hardness and 
compressive yield strength of the as-cast HEA is found to be many times of what can be expected 
from the rule of mixture. The yield strength further increases by 76 % after 1 day of annealing, which 
can be explained by a strengthening mechanism resulting from the SRC. With further annealing to 4 
days, a minor phase with hexagonal close packed (hcp) structure and rich in Hf and Zr nucleates at the 
larger connecting nodes of the SRCs. 
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1. Introduction 
Ideal high-entropy alloys (HEAs) are single-phase alloys of multiple principal elements in 
equal/near-equal proportion [1] with high configurational entropy increasing as Rln(n), where R is the 
universal gas constant, n being the number of solute elements. At high enough temperatures, this high 
entropic contribution to the Gibbs free energy of a HEA suppresses the formation of intermetallics and 
stabilizes a simple on average body-centered or face-centered cubic (bcc and fcc) phase [2, 3]. The 
broad distribution of the atomic radii of the different constituting elements leads to lattice distortions 
[4], and lowers the diffusion rate by an order of magnitude [5]. This in term gives rise to many 
interesting properties like high strength at ambient and high temperatures [6], diffusion barrier 
properties [7], fracture resistance at cryogenic temperatures [8] etc.  
Of late, the use of refractory-element based HEAs (Mo, Nb, Ta, W and V) was introduced by 
Senkov et al [9, 10] mainly as candidates for high-temperature (HT) structural materials above 1100°C, 
especially for aerospace applications. Subsequently, refractory HEAs of lower density were 
investigated (W and Mo replaced with Hf, Zr, Ti and Cr) and found to possess excellent HT and 
ambient-temperature mechanical properties [11-13]. Moreover, refractory metals were suggested for 
the use in many diverse ambient-temperature applications like fabrication materials for micro- and 
nanoelectromechanical devices, electronics components and medical implants [14-16]. 
For most of the refractory HEAs, investigations were limited to the structures of as-cast alloys 
or inadequately annealed materials. Their long-term phase stability at elevated temperatures and the 
related mechanical performance have not been investigated in detail with a few exceptions 
(MoNbTaW HEA) [16, 17]. However, ample research has been done on both the experimental and 
theoretical aspects of disorders like short-range ordering and clustering (SRO and SRC) as well as 
Guinier-Preston zones (GP zones) in high-concentration solid-solution alloys since the 1960s [18-21], 
mainly based on X-ray and neutron diffuse scattering experiments. As expected, the SRO (SRC) has 
been found to largely influence the mechanical properties and the long-term structural stability of 
many engineering materials like the light-weight high-strength Al alloys [22], bcc Fe-Cr [23] and fcc 
austenitic steels [24-26] and nickel based alloys [27, 28] etc. 
Since refractory HEAs have been found to be potential high-performance materials for both 
high- and ambient-temperature applications, we investigated an equiatomic single-phase TaNbHfZr 
HEA for its local structural disorder and its evolution with thermal treatments and ambient-
temperature mechanical property changes. 
 
 
2. Experiments  
To synthesize the TaNbHfZr HEAs, first high-purity Ta and Nb powders (99.98 % and 99.99 % 
pure) were compacted and arc-melted under Ar atmosphere. Then, solid pieces of Hf and Zr (99.8 % 
pure, oxygen level ~ 150 ppm) were pre-alloyed to form a droplet and finally all the four elements 
were arc-melted together to form a cast of 6 grams. A Ti getter was used to consume traces of oxygen 
for all melting steps and the TaNbHfZr cast was re-melted five times, each time flipped upside down. 
The cast alloys were homogenized and subsequently annealed at 1800°C for 6 and 12 hours, 1, 2, 4 
and 8 days, respectively, inside sealed Ta ampoules. This annealing temperature is 0.78 times the 
expected melting temperature of the alloy system [9] as per the rule of mixture. During long annealing 
treatments, an extra Hf-Zr oxygen-getter, wrapped in Ta foil, was provided inside the sealed ampoules 
to consume any traces of oxygen. For the ease of indicating the different annealing treatments of the 
alloys, they are termed as HEA-0D, HEA-1D, HEA-2D and so on for the as-cast, 1 and 2 days 
annealed material, respectively. Similarly, the alloys annealed for 6 and 12 hours are termed as HEA-
6H and HEA-12H, respectively.  
 
To determine the average structure and the phase-purity of the different annealed samples, 
powder XRD patterns were measured by an in-house powder diffractometer (PANalytical X’Pert PRO 
diffraction system) using Cu Kα1 monochromatic radiation in a 2θ (diffraction angle) range from 20° 
to 120°. Additionally, to help distinguish the different chemical elements in any long-range order 
(LRO), and to quantify the average atomic displacement parameter (ADP), neutron powder diffraction 
patterns were measured by the high-resolution powder diffractometer for thermal neutrons with a 
wavelength of 1.1545 Å (HRPT diffractometer, Paul Scherrer Institute, PSI, Villigen, Switzerland). 
The neutron scattering lengths of Ta, Nb, Hf and Zr are 6.91, 7.05, 10.9 and 7.16 fm, respectively. So, 
ND provides the additional advantage of detecting any ordering between group 4 and group 5 
elements (for example Hf and Ta), what would have been difficult by XRD due to the small atomic 
number contrast. Around 5 grams of powderized samples of HEA-2D and HEA-4D were put inside a 
cylindrical V container (5 mm diameter), and measureed for 4-5 hours each. To investigate into the 
local structural disorder and ADPs, single-crystal XRD datasets were collected in-house (Oxford 
Diffraction, Xcalibur) on crystals with less than 50 µm diameter using Mo Kα radiation. In order to 
determine the shape and intensities of the weak diffuse scattering arising from structural-disorder, 
single-crystal XRD datasets were collected using a PILATUS 2M detector at the Swiss-Norwegian 
Beamline (SNBL, beamline BM01A) at the European Synchrotron Research Facility (ESRF), 
Grenoble, France, with a wavelength of 0.6836 Å.  
The microstructure and composition analyses were done with a scanning electron microscope 
(SEM, SU-70 Hitachi) in backscattered electron (BSE) mode equipped with an energy-dispersive X-
ray spectroscope (EDX, X-MAX Oxford Instruments). The HEA samples (both as-cast and annealed) 
were cut and finely polished with a 60-nm SiO2 suspension before investigating with SEM. For direct 
imaging of the lattice-fringes and local structural-disorder, a high-resolution transmission electron 
microscope (FEI Tecnai F30), equipped with a field emission gun operating at 300 keV was used. The 
HEA samples were first embedded inside a Cu tube, then cut into slices and polished with sand-papers 
to around 100 µm in thickness. Then, the discs were dimple-polished with 3-µm diamond suspension 
and finally milled by a precision Ar ion jet polishing system (Gatan PIPS II). Atom probe tomography 
(APT) was used (LEAP 4000X-HR system) to analyze the local chemical composition of any local 
disorder present. The probes for APT analysis were fabricated by focused ion-beam (FIB) milling by 
Ga ions in a FIB-SEM (Helios Nanolab 600i) system. The tips were conically tapered with a tip-radius 
of around 50 nm or less. The APT tips were then subjected to laser pulsing with 80-100 pJ of energy 
applied at 160 kHz inside the LEAP chamber during APT analysis. The charge state ratios of Ta, Nb, 
Hf and Zr were around 6.3, 1.2, 23 and 4.5, respectively for the APT runs. The local chemical 
composition analysis by APT eventually complemented the observations and understanding of the real 
local structure from HRTEM, XRD and ND. For the modeling of the real structure containing SRO/ 
SRC, embedded-atom-method (EAM) potentials were used (for details see section 4). 
 
The microhardness of the different HEAs was measured by a Vickers diamond indenter by 
applying 200 grams of weight. The measurements were done at 15 different positions scattered 
through the whole cross-section areas. Cylindrical specimens of 2.5 mm diameter and ~ 4.0 mm in 
length were cut out by electric-discharge machining for compression tests. A graphite lubricant was 
applied to the flat faces of the specimens, which were then compressed at an initial strain rate of 10-3 s-
1 until total fracture occurred. As a measure of ductility, the engineering strain at peak stress was 
considered. After reaching this strain level (peak strain), the materials generally start to develop 
internal cracks. 
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3. Results and discussion 
3.1 Average structure and compositions: 
The as-cast and annealed TaNbHfZr alloys are single-phase with on average bcc structure as 
evident from the powder XRDs (Fig. 1). The experimental lattice parameter of the as-cast alloy is 
3.431 ± 0.001 Å, which is close to the predicted value of 3.438 Å, according to Vegard’s law [29] and 
3.444 Å as predicted by Zen’s law of average atomic volume [30]. As the hexagonal close packed (hcp) 
elements Hf and Zr are distributed in the bcc solid-solution phase, the expected bcc lattice parameters 
of these two elements were calculated from the atomic volumes of hcp phases at ambient-temperature 
[31]. The lattice parameters of the homogenized alloys (from HEA-6H to HEA-8D) were, however, 
around 3.39 Å, 1.2 % less than that of the as-cast alloy. For the HEA-4D, a distinct second minor hcp 
β phase forms, and this will be discussed later.  
 
Fig. 1. Powder XRD patterns (Cu Kα1 radiation) of TaNbHfZr HEAs annealed for different times. Peaks from the 
bcc average structure are indexed on the top graph. Minor peaks from the hcp β phase are indicated by arrows. 
 
Fig. 2 shows the SEM-BSE micrographs and the corresponding EDX line-scans across the 
HEAs annealed for different time periods. The as-cast (HEA-0D) alloy shows a dendritic 
microstructure (Fig 2a) with a maximum of 10 % (atomic proportion) elemental composition 
fluctuations for Ta and Zr, which are the elements with highest and lowest melting temperatures. This 
composition variation comes down to within 2 % for the HEA-6H (Figs. 2c and 2d). The EDX line-
scan indicates that this 2 % composition variation gradually appears over a 50-100 µm distance. The 
microstructure (Fig. 2c) shows a homogeneous matrix, but also contains few traces of dissolving 
primary dendrite arms. For HEA-1D and HEA-4D (Figs. 2e and 2g) the composition only varies 
within 1% throughout the whole microstructure. The EDX line scans (Figs. 2f and 2h) running across 
the grain boundaries do not show any significant composition fluctuations.   
3.2 Local structural-disorder: 
The XRD peaks in Fig. 1 appear to be broader than some of the other refractory HEAs like 
MoNbTaW and MoNbTaWV [10, 16]. This was also found to be the case for powder ND on HEA-2D 
and HEA-4D. The ND patterns of the annealed HEAs do not reveal any extra features other than those 
of the XRD profiles. Fig. 3 shows the results of the Rietveld refinements of the ND pattern of HEA-
2D. The refined value of the local internal-strain results to 1.062 ± 0.001 %, that of the coherent 
domain size to 10.094 ± 0.003 nm and the average ADP to 0.0185 ± 0.0003 Å2. Similar values were 
also found from powder ND on HEA-4D. The refined average-structure ADPs of all the annealed 
samples are listed in Table 1. The neutron powder Rietveld refinement was done by FullProf [32] and 
the ADPs from the single crystal XRD datasets were refined by SHELXL97 [33]. The ADPs of the 
annealed alloys, refined from the single-crystal XRDs fall in the range of 0.0214 - 0.0240 Å2, whereas 
the ADPs from the powder ND experiments are in the range of 0.0185-0.0187 Å2. These ADPs are 
clearly much larger than the expected thermal ADP, Ut, of 0.006 Å2 calculated form the average of 
Debye-Waller factors of pure elements [34]. Similar results are also found in HEAs like MoNbTaW 
and ZrNbHf HEAs [16, 35]. The expected static component of the ADP, Us, for this HEA amounts to 
0.0188 Å2, derived from the differences of lattice parameters of the pure elements as [16]: 
Us = Σ ci (di – dal)2 
where, ci is the mole fraction of the element i, di and dal  are the lattice parameters of the pure elements 
and that of the HEA, respectively. The expected total ADP of the HEA, including thermal and static 
components is calculated to be Ut + Us = 0.006 + 0.0188 = 0.0248 Å2, which is near to the 
experimental range of 0.0214 - 0.0240 Å2 from the single-crystal XRDs. The ADPs refined from the 
powder NDs were little less than those of the single-crystal XRDs. This could be due to comparatively 
lesser amount of average displacements of the nuclei of the atoms than of the electron clouds around 
each nucleus. The average static atomic displacement, derived from the square root of the 
experimental static ADPs range between 0.124 - 0.134 Å.  
 Fig. 2. BSE image of the cross-sectional microstructures of the HEA annealed for different times: (a) HEA-0D 
(as-cast), (c) HEA-6H, (e) HEA-1D and (g) HEA-4D. The arrows indicate the path of EDX line-scans. The EDX 
composition profiles are plotted in figures (b), (d), (f) and (h) for the different annealing conditions, respectively.  
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Table 1. Refined average-structure ADPs of HEA annealed for different times 
HEA sample ADP from single-crystal 
XRD 
ADP from powder ND 
HEA-6H 0.0224 ± 0.0012 na* 
HEA-1D 0.0227 ± 0.0016 na 
HEA-2D 0.0214 ± 0.0012 0.0185 ± 0.0003 
HEA-4D 0.0240 ± 0.0011 0.0187 ± 0.0004 
* na: not available 
 
Fig. 3. Neutron powder diffraction pattern (data marks in red) of the HEA-2D with the peaks indexed for the bcc 
structure. The black line shows the Rietveld refinement and the differences in fitting are shown at the bottom in 
the blue line. 
Since there were some weak streak-like diffuse scattering intensities observed near the Bragg 
reflections in the single-crystal XRD patterns, HRTEM investigations were done for the HEA-1D and 
HEA-4D alloys, specially to study the nature of local disorder. Fig. 4a and 4b depicts the bright field 
(BF) HRTEM images of HEA-1D taken along [100] zone axis. The micrographs (4a and 4b) show 
contrasts of adjacent lighter and darker regions appearing perpendicular to the main crystallographic 
axes. Also in the selected area electron diffraction (SAED) image  (Fig. 4a, inset), the presence of 
streak-like diffuse scattering is observed in the direction of the [100] principal crystallographic axes. 
Asymmetric diffuse intensities around the Bragg reflections in SAED (indicated by the red arrows) 
and the contrasts in the BF images imply the presence of local disorder. Fig. 4b shows the lattice 
fringes of the local structures. The lattice fringes gradually bend in the areas of local image contrast 
(spreading perpendicular to the principal axes) due to tetragonal relaxations at the SRCs, which is 
discussed in detail in the following section on atom-probe tomography. The two boxed regions of Fig. 
4b are enlarged in Figs. 4c and 4e, which contain the features of the local lattice relaxation and 
bending of the lattice fringes. Fast Fourier transforms (FFTs) of Figs. 4c and 4e are shown in Figs. 4d 
and 4f. The FFT images show streak-like features spreading out from the main Bragg spots towards 
the shorter reciprocal vectors similar to the SAED image in Fig. 4a. The diffuse streaks in the FFTs 
direct towards only one principal axis in each of the boxed regions of Fig. 4b, because mainly one set 
of a local SRC perpendicular to a particular [100] direction was included. Local tetragonal expansion 
relaxations and the diffuse intensity streaks corresponding to the SRCs indicate that the SRCs might 
have locally higher atomic volumes due to the clustering of some larger atoms.  
 
Fig. 4. HRTEM images of the HEA-1D: (a) TEM BF image along the [100] zone-axis. SAED pattern in the inset 
shows an asymmetric nature of streak-like diffuse scattering intensities indicated by small red arrows. (b) BF 
HRTEM image revealing lattice fringes and local lattice distortions at the SRCs. The two boxed regions are 
enlarged in (c) and (e) showing detailed view of local lattice relaxations/ distortions due to SRCs. (d) and (f) are 
the FFTs of (c) and (e), respectively, revealing the directions of asymmetric diffuse scatterings perpendicular to 
the two different set of SRCs. 
 
a b 
c d e f 
The APT reconstructions of the elements were done for the samples HEA-0D, HEA-6H, 
HEA-1D and HEA-4D. Figs. 5a, 5c, 5e and 5g in the left column present the elemental maps of Zr, 
while Figs. 5b, 5d, 5f and 5h to the right show the elemental maps for Hf. The reconstructions from 
the as-cast alloy (HEA-0D in Figs 5a and 5b) show a homogeneous elemental distribution on the nano-
scale. In contrast, the atom maps of the annealed alloys (HEA-6H, HEA-1D and HEA-4D) reveal 
some network-like clusterings of Zr and Hf. The HEA-6H alloy (Figs. 5c and 5d) had planer clusters 
of Zr, but the atomic clusters were rather isolated from each other. In the elemental map, there was 
some weak contrast of Hf atoms, but the in-depth concentration profiles (not shown here) did not 
reveal this weak clustering of Hf atoms. The clusters are separated by a distance of 6-8 nm from each 
other for the HEA-6H. However, for the HEA-1D the Zr clusters in the elemental map become more 
prominent and interconnected (Fig. 5e). The atom map of HEA-1D appears similar to that of the TEM 
micrographs in Fig. 4, where the interconnected perpendicular planar short-range clustering (SRC) is 
imaged in BF mode. Also, in the atom map for Hf (Fig. 5f) similar SRCs like that of Zr is observed, 
suggesting a trend of the larger Zr and Hf atoms to cluster together with longer annealing time. In the 
composition profile of HEA-1D across the SRCs, mainly Zr atoms cluster together while Hf atoms 
show only a weak tendency to co-cluster with Zr atoms. But, Hf co-cluster strongly with Zr in HEA-
4D (Figs. 5g and 5h) as revealed in the in-depth concentration profiles. As the SRC planar clusters 
grow with time, they become more interconnected and make almost a 3d grid structure in HEA-4D 
(Fig. 5g). The spacing of the SRCs in HEA-1D and HEA-4D are in the range of 7-15 nm, which is 
again close to the spacings observed in HRTEM images (Figs. 4 and 7) and the calculated coherent 
domain sizes from the powder NDs. Thus, the prediction of clustering of bigger atoms and local SRC-
disorder from the TEM investigation (Fig 4) is readily verified with the 3d APT reconstructions.   
 
 
 
 
 
 
 
 
 
 Fig. 5. Atom map reconstructions from APT analysis: (a), (c), (e) and (g) in the left column show the Zr atom 
maps for the alloys HEA-0D, HEA-6H, HEA-1D and HEA-4D, respectively. (b), (d), (f) and (h) to the right 
column show the Hf atom map for the same annealing conditions as described for the Zr atoms. 
 
3.3 Modeling of the real structure and the local-disorder:  
The single-crystal XRD datasets collected by the PILATUS detector also reveal the presence 
of local-disorder based on the weak diffuse scattering. Figs. 6a and 6b show the reconstructed hk0 
reciprocal lattice layers of HEA-6H and HEA-4D. Similar to the SAED pattern (Fig 4a) and the FFT 
analysis of the HRTEM images (Figs 4d and 4f), the diffuse streaks adjacent to the Bragg reflections 
are asymmetric towards the origin. With higher reciprocal lattice vectors, the lengths of the streaks 
increase and reveal the presence of diffuse maxima within the streak. For the longer annealed sample 
HEA-4D, the diffuse intensities remain similar to that of the shorter annealed HEA-6H. But, some 
extra weak intensity spots (encircled spots) are observed for the HEA-4D, which correspond to the 
minor hcp β phase indicated earlier.  
Fig. 6c shows the atomic model (relaxed structure) of the HEA containing a node-forming 
SRC with the maroon dots denoting Zr atoms and the white dots for the other elements. The atomic 
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arrangement of the SRC is constructed from the APT local-composition analysis of the HEA-6H and 
HEA-1D material for this case. Details of the model are discussed later in section 4. Fig. 6d shows the 
experimental and simulated diffraction patterns of the annealed HEA model structure. The diffuse 
streaks get extended towards the shorter reciprocal vectors making a L-like shape in the hk0 layer from 
both XRD and MD relaxations. The local tetragonal relaxation by the bigger Zr atoms causes the 
lattice layers of the MD model to bend at the SRCs (Fig. 6c). This explains the bending of lattice 
layers at the SRC as observed in the HRTEM images (Figs. 4c and 4e) causing the diffuse streak-like 
intensities extending from the Bragg spots. However, in the modeled structure the diffuse streaks do 
not extend to an extent as much as observed in the experiments. This can be expected taking into 
consideration that the EAM potentials can have limitations for large tetragonal deformations of around 
30 % (expected from the hk0 reconstructions of reciprocal space). A large degree of local tetragonal 
deformation at the SRCs is expected if the constancy of atomic volume for the elements is applied. In 
the MD relaxation process, atoms situated at the SRCs contribute significantly towards the 
minimization of internal energy of the structure, lowering it by 62 meV/atom compared to a 
statistically randomly distributed relaxed solid-solution. The procedure to determine the number of 
atoms at the SRCs contributing to the energy minimization is discussed in section 4. There was 
another interesting observation from the reconstructed hk0 layers (Figs. 6a and 6b), the inherent 
mosaicity of the HEA crystals. The on average 1.6° mosaicity can be attributed to the degree of 
misalignments between the coherent-domains in a structure with SRCs frequently distributed 
throughout the whole volume. As the SRCs appear in the annealed HEAs, the matrix becomes 
depleted in the big Zr atoms decreasing its average lattice parameter compared to the as-cast alloy 
indicated earlier.  
 
 
 
 
 
 
 
 
 
  
 
Fig. 6. Modeling of structural disorder by diffuse scattering: (a) and (b) are the reconstructed hk0 reciprocal 
lattice layer from single-crystal XRD of the HEA-6H and the HEA-4D respectively, measured at the synchrotron 
beamline. In (b) the encircled spots are intensities from a minor hcp β phase. (c) Representative real structure 
model of the SRC where the maroon dots denote Zr and the other elements are shown in white. (d) Comparison 
of the diffuse scattering in hk0 layer from the single-crystal XRD (left) and (right) from the MD relaxed atomic 
model in (c).  
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3.4 Structural evolution with annealing time: 
As the SRCs become more interconnected with longer annealing times, and a minor hcp β 
phase appears after 4 days, it is anticipated that these would influence the structural and mechanical 
properties of the HEA. Some more HRTEM investigations have been done for the HEA-4D sample in 
a similar fashion to that of HEA-1D (Fig. 4). Figs. 7a and 7b show the high-resolution BF images 
taken along the [100] crystallographic zone-axis with the SAED pattern given in the inset of Fig. 7a. 
The image contrast is similar to the BF HRTEM images of HEA-1D showing cuboid-like domains and 
also to that of the APT reconstructions (Figs. 5e and 5g). The main difference of the local structure of 
HEA-4D from HEA-1D is that the SRCs become more interconnected with each other, and in the 
SRCs Hf atoms cluster strongly together with Zr atoms. In HEA-4D, the SRCs make a 3d network 
meeting each other at some cross-like clustering nodes and thus creates grid-like repeating domains of 
cuboids all throughout the structure. Diffraction spots from the minor hcp β phase are observed in the 
SAED for HEA-4D (Fig. 7c) similar to the hk0 reconstructed layer from the single-crystal XRD (Fig. 
6b), given that a longer exposure time (5-10 seconds) for the SAED pattern is provided. These extra 
weak diffraction spots of the β phase are indexed with orange color lines along with the strong Bragg 
intensities of the average bcc matrix (Fig. 7c). The β phase apparently has multiple twin components 
and two of them are shown, one with solid and another with dashed orange lines. One of the stronger 
diffraction spots of the β phase (encircled spot in Fig. 7c) was taken for a dark field (DF) imaging as 
shown in Fig. 7d. The DF image reveals that the selected Bragg intensity is originating from the nodes 
of the SRCs, indicating that the hcp β phase forms at the high concentration regions of the hcp 
elements Hf and Zr. However, there are some traces of this β phase also in SRC regions away from the 
clustering-nodes. It appears that with longer than 1 day of annealing, the SRCs grow and form 
clustering nodes (as in HEA-4D), where it reaches the critical size for the nucleation of the hcp β 
phase. 
The HEA-8D sample has even a higher degree of this β phase precipitation as suggested by 
the increased peak intensity in powder XRD (Fig. 1). HEA-8D shows decomposition of the average 
structure into two different bcc phases with close lattice parameters, as observed in single-crystal 
XRDs (not shown here). This could be due to the tendency that the cuboid regions of SRCs become 
more enriched in Ta and Nb, forming a connected sub-micron scale long-range average structure in 
HEA-8D. Detailed investigations into the structural-decomposition of HEA-8D are out of the scope of 
this work.  
 
 
 
 Fig. 7. HRTEM images of the HEA-4D: (a) BF image along [100] zone-axis with SAED pattern in the inset. (b) 
BF HRTEM image revealing lattice fringes at the SRCs and the clustering nodes. (c) SAED pattern with a longer 
exposure where the Bragg reflections from the minor hcp β phase are indexed with the orange color lines and 
reflections from the bcc matrix phase are shown in black. (d) DF image taken from the β phase reflection 
encircled in the SAED pattern in (c). DF image contrast reveals the presence of the β phase at the larger 
connecting nodes of the SRCs.   
 
3.5 Mechanical properties evolution with annealing time: 
Fig. 8 shows the evolution of hardness, compressive yield strength and ductility (peak strain) 
from the as-cast to the 8 days annealed HEAs. The hardness and the compressive yield strength of the 
HEA in the as-cast condition are 3575 MPa and 1315 MPa, which are 2.4 and 4.9 times, respectively, 
of what is expected from the rule of mixture. The hardness increases to a level of 5598 MPa for the 
HEA-1D. Similar to the increase of hardness, the yield strengths of the materials also show an increase 
from 1315 MPa to 2310 MPa for HEA-1D (Fig. 8b), accompanied by a rapid drop in peak strain from 
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21.6 % down to 0.35 %. Similar to this TaNbHfZr HEA, a 2-3 times increase in hardness of the as-cast 
HEAs are also observed in MoNbTaW and MoNbTaWV [9, 16]. High hardness and strength of the 
HEAs even in the as-cast conditions with no detectable SRO/ SRCs present, are mainly attributed to 
the local lattice distortion and solid-solution strengthening effects [9, 16, 35]. Apart from the solid 
solution strengthening in the as-cast condition, with the increase in annealing time and the density of 
SRCs, the hardness and yield strength of the TaNbHfZr HEA increases by 57 % and 76 %, 
respectively, for HEA-1D. SRCs and GP zones formed due to annealing treatments have been found to 
additionally increase the yield strength and reduce the ductility in many substitutional Al [22] and Ni 
based alloys [28]. During early stages of annealing in HEA-6H, SRCs appear in larges numbers 
increasing the strength by 424 MPa and reducing the peak strain to 2.25 %. As the SRCs become 
increasingly interconnected from the as-cast to the 1 day annealed state, any dislocation moving 
through the material will be subjected to overcome the local energy minima caused by the SRCs. This 
causes the yield strength to reach a maximum for the HEA-1D. The increase of yield strength due to 
SRCs can be described for interstitial [26] and substitutional alloys [36] by the following relations: 
!!"# = ! ! !!"#$%& − !!!"#!!  
where, !!"#  is the increase in yield strength due to SRC, ! is Taylor factor ≈ 2.75 for bcc structures 
[37], !!"#$%& and !!"# !are the energies (per atom) of the relaxed structure of the random solid 
solution matrix and the SRCs, ! is the Burgers vector equal to 2.936 Å. The !!!"#$%& - !!"#  value is 
obtained from the structure modeling by MD relaxations described in the section 4. The calculated 
value of !!!"  from the given model is found to be 1079 MPa, which is 8.44 % higher than the 
experimental value of (2310 – 1315) MPa = 995 MPa. This difference can arise from the errors of 
calculating !!"#  and due to the relatively large scatter in the measured values of yield strength of the 
brittle HEA-1D material.  
From a peak of hardness and yield strength for the HEA-1D, the values drop by around 6 % 
and  13 %, respectively for the HEA-8D (Fig 8). The peak strain also increases from a near-zero for 
the HEA-1D upto 3.5 % for the HEA-8D. This can be explained by the fact that around 4 days of 
annealing, the SRCs all become interconnected and the clustering nodes grow to accommodate the hcp 
Zr/Hf rich β phase. This in turn would reduce the internal strain in the matrix phase and ease the 
movement of dislocations to allow for some plastic deformations and gradually improve the ductility 
beyond 2-4 days of annealing. However, as the HEA-8D material experiences  the decomposition of 
the bcc single-phase matrix into two bcc phases, there could be a further lowering  of the internal 
strain, which would improve ductility. This mechanism is also supported from the experimental data, 
but since this work mainly deals with the single-phase HEAs, detailed investigations of the HEA-8D is 
out of the scope of this work. 
 Fig. 8. Mechanical property evolution with annealing time: (a) Vickers microhardness for different annealing 
times. (b) Yield strength and ductility (engineering peak-strain). 
 
4. Structure modeling 
An atomic model of the HEA was constructed depicting the local structural disorder in a simulation 
volume of 80×80×20 supercells of the bcc average structure containing a total of 256000 atoms. EAM 
potentials [38, 39], suitable for bcc metals and alloys [40], were used for the MD relaxations. In the 
framework of EAM potentials, the total energy of the system is given by the basic equations: 
!! = ! !!! !! + !12 ! !!"! !!"!,!! !!! !, 
!! = ! !!!(!!!) !!" !, 
where !! is the total internal energy of the system, !! !!  is the energy to embed atom i in an electron 
density !!, !! is the electron density at atom i due to all other atoms given by !! !!" , !!" is the distance 
between atom i and j, and !!"! !!"  is a two-body interaction potential between atoms i and j. The 
atomic interaction potentials were created based on physical parameters of the elements such as atomic 
radius, cohesive energy, unrelaxed vacancy formation energy and second order elastic stiffness 
constants. These physical input parameters were suitably taken for a bcc structure of the elements and 
presented in Table 2. MD relaxation was done with the simulation program LAMMPS [41] by using 
the conjugate gradient method. The internal energy of the system was minimized to a tolerance level 
of 10-14 for the atomic relaxations.  Since the average structure of the HEA remained a bcc solid 
!"#$ !%#$
solution in all the annealing conditions, the stiffness constants of the elements were taken from bcc 
phases as well.  
 
Table 2. Input physical parameters of elements for the construction of the EAM potentials 
Element Atomic 
radius (Å) 
Ec (eV) Ef (eV) C11 
(eV/ Å3) 
C12 
(eV/ Å3) 
C44 
(eV/ Å3) 
Ta 1.430a 9.71b 2.95a 1.648e 0.986e 0.516e 
Nb 1.429a 8.21b 2.75a 1.529e 0.824e 0.177e 
Hf 1.572c 7.56b 2.39d 0.818f 0.643f 0.281f 
Zr 1.608c 6.31b 2.30d 0.649g 0.580g 0.237g 
Ec and Ef are the cohesive and unrelaxed vacancy formation energies.  
References: a [38], b [42], c [31], d [43], e [44], f [45], g [46].  
 
The in-depth APT composition profile across the SRCs of HEA-6H and HEA-1D, generally 
has a Gaussian-like distribution of Zr with a peak composition between 60-75 % and a FWHM of 
around 2.0-2.6 nm. For the current model, Hf atoms are randomly distributed throughout the local 
structure and the SRCs are depleted in Ta and Nb concentration as found in the HEAs. The atomic 
model has a Gaussian type Zr concentration with a peak composition of 67.5 % and a FWHM of 2.5 
nm. The model atomic structure was then relaxed with the developed EAM potential and a diffraction 
pattern of the relaxed structure was calculated using the DISCUS package [47].  
While calculating !!!"#  for the energy minimization by the SRC, it is assumed that the atoms 
located within full width at tenth maximum (FWTM) of the Gaussian (around 97 % of area under the 
Gaussian curve) composition distribution significantly affect the energy minimization process. In the 
literature some of the !!"#  values have been calculated by ab-initio methods, where the SRCs are 
contained within a volume of a few hundred atoms [26]. But, for more diffuse and extended SRCs like 
in this HEA, the calculation of !!"#  could be nontrivial. However, it has been shown by the ab-initio 
based studies of SRO and SRCs in binary alloys that the significant minimization in energy occurs 
after the local structure relaxation [48]. For this HEA, the energy difference between the unrelaxed 
structures of a random solid-solution and that containing the SRC is negligible. Whereas, the relaxed 
structures show a marked 62 meV/atom of internal energy difference between the!!!"#$%& and the !!"# .  
 
5. Summary and conclusions 
The TaNbHfZr HEA shows a bcc average structure in the as-cast and the long-term annealed 
condition. The average structure reflects the high degree of local lattice distortion by the large static 
ADP based on the single-crystal XRD and the powder ND experiments. With longer annealing time at 
1800°C, an increasing degree of SRC perpendicular to the principal axes is observed. The APT 
analysis reveals that the local composition of the SRC is high in Zr and depleted in Ta and Nb. But, 
after 4 days of annealing Hf and Zr cluster together in the SRCs. The SRCs cause local tetragonal 
lattice relaxation as evidenced from the direct HRTEM imaging and the diffuse scattering intensities in 
SAED and single-crystal XRD. The asymmetric streak-like nature of the diffuse scattering intensities 
could be partially reproduced by the MD relaxations of a model structure containing SRCs. With 
longer annealing times, the SRCs become more interconnected forming clustering nodes and grid-like 
repeating domains. The as-cast yield strength (1315 MPa) of the HEA is 4.9 times that expected from 
the expected value due to a solid-solution-strengthening-like mechanism. But, the peak of yield 
strength (2310 MPa) and hardness accompanied by a minimum of ductility is observed after 1 day of 
annealing. The increase in yield strength could be adequately explained with the local energy 
minimization by SRCs as calculated by the MD relaxation of a model structure. After 4 days of 
annealing, nucleation of a hcp β phase is evidenced at the larger nodes of the SRCs as observed from 
the XRD and the HRTEM studies. This β phase precipitation lowers the internal stress of the matrix, 
causing the yield strength to drop and ductility to improve again beyond 1 day of annealing. Our study 
reveals the details of the local disorder present, their mechanism of evolution with long annealing time 
and its effect on the mechanical properties at ambient-temperature.  
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